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a b s t r a c t

Zirconium alloys which exhibit practically all possible solid state phase transformations offer some
unique opportunities for studying the fundamental aspects of phase transformations. The crystallo-
graphic features associated with the phase changes are much simpler in zirconium based systems, mak-
ing them more suitable for providing a basic understanding of the relevant phenomena. Some of the
important issues related to phase transformations research are identified and the manner, in which stud-
ies in zirconium alloys have contributed to the understanding of these issues, is discussed in this paper.
Both the types of displacive transformations – shear-dominated and shuffle dominated – are encountered
in zirconium alloys. The crystallography and the mechanism of such transformations are discussed, giv-
ing special reference to the morphological and sub-structural changes in zirconium martensites and to
the fine particle and plate-shaped morphologies of the x-phase. Morphological and crystallographical
features of displacive and diffusional transformations have been compared. Several examples of mixed
mode transformations, viz., the formation of c-hydride phase, the active eutectoid decomposition and
the formation of ordered x-phases are cited and their respective mechanisms described.

� 2008 Elsevier B.V. All rights reserved.
1. Introduction

Zirconium based alloy components form the major part of the
in-core structural material in heavy water and water cooled nucle-
ar reactors. The performance of these components is very critical
for a safe and economically viable operation of the reactors.
Depending on the service requirements, zirconium alloy compo-
nents used in nuclear reactors are processed in different manner
to achieve the best combination of properties. Microstructural con-
trol of these alloys through proper selection of the processing
parameters is, therefore, a major challenge posed to metallurgists.
In service changes that occur in microstructure determine the ser-
vice life of these components. This aspect also draws considerable
attention.

Microstructures of zirconium based alloys can be tailored to ob-
tain suitable properties in the material by selecting suitable ther-
mo-mechanical processing conditions such as stain rates and
temperature. During fabrication of the structural components for
nuclear reactors, which involves a complex thermo-mechanical
processing, the microstructure developed determine the long and
short terms properties of these components [1–3]. In addition,
these alloys have shown variety of phase transformations [4–6].
ll rights reserved.
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Due to amenability to these phase transformations-involving both
difussionless and diffusional transformation – a variety of micro-
structures can be produced. Evolution of the microstructures,
therefore, can be broadly classified in the following categories.

1.1. Evolution of the microstructure by heat treatments

These can further be divided into two categories; microstruc-
tural development due to (i) phase transformations occurring upon
quenching from the high temperature b-phase field and (ii) phase
transformations occurring upon aging subsequent to quenching
from the b-phase field. Phase transformation pertaining to the for-
mer category are, generally, diffusionless transformations, like
martensite, x-phase transformation etc., or the transformations
which can not be suppressed by quenching due to their fast kinet-
ics, for example, active eutectoids observed in the Zr-based alloy
systems [7,8]. These transformations are functions of the concen-
tration of solute atoms, the degree of supercooling and the rate
of quenching. Transformations pertaining to latter category are
mainly diffusional in nature which includes tempering of martens-
ite, isothermal x formation and precipitation reactions.

1.2. By ingress of hydrogen

Effects of ingress of hydrogen in Zr-based alloys is so
pronounced that the life time of Zr alloys inside reactors is
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limited by this factor [9]. It is essentially due to the low solubility
of hydrogen in the a(hcp) phase which led to the precipitation of
hydrides effecting the mechanical properties of the Zr alloys ad-
versely. Moreover, the concentration of the hydrogen atoms in-
creases in the structural components during operation and the
diffusion of the hydrogen atoms is so fast in comparison to the sol-
vent atoms that the diffusion of solvent atoms can be considered
negligible for all practical purposes. Therefore, hydride formation,
exhibits many characteristics of a mixed mode – diffusional + dis-
placive transformation – akin to the ‘Bainitic transformation’.

1.3. By hot working

Zirconium based alloys are processed in the a + b-phase field
during hot working. During fabrication zirconium alloys exhibit
strong tendency for texture [10,11]. Hot working has major
influence in the development of texture which influences the
properties and life time of components of these alloys in service.
Microstructural changes that occur during hot working are
primarily governed by the strain and temperature. Dynamic
recrystallization and recovery processes are the dominating mech-
anisms which bring about microstructural changes [12–15]. In
addition, precipitation of the intermetallic phases has been noticed
in several cases.

1.4. Exposure to pressure

Zr and its alloys exhibit various phase transformations under
high pressure conditions [16–19]. Under static conditions transfor-
mation sequence a ? x ? b has been observed which is very sim-
ilar to the sequence observed in Zr alloys upon increasing
concentration of the b stabilizers. Under shock pressure conditions,
formation of the x-phase is observed in pure zirconium as well as
in b-stabilized alloys.

Many of these microstructural evolution processes can be ex-
plained taking example of the Zr–Nb system (phase diagram) with
superimposed metastable phase boundaries shown in Fig. 1 which
shows the different component composition corresponding to the
b ? a and b ? x, structural instabilities and the b-phase separa-
tion. The manifestation of these tendencies also get reflected in
the monotectoid b1 ? a + b2 reaction in the phase diagram.
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Fig. 1. Phase diagram of the binary Zr–Nb system. The start temperatures of the metastab
the composition range over which formation of the athermal x occurs.
The present paper describes the evolution of microstructures
under various conditions. The underlying mechanisms of the for-
mation of different phases are discussed. Some of the issues of gen-
eral interest to the solid–solid phase transformation mechanisms
have been addressed. The roles of lattice correspondences, lattice
site correspondences and self accommodation in various transfor-
mations in the formation of different product morphologies have
been discussed.
2. Displacive transformations

Pure Zr and its dilute alloys with b stabilizing elements
transform through several diffusionless transformations when
quenched from the b-phase field provided the cooling rate exceeds
a certain critical value. As the start temperature of these transfor-
mations is a strong function of the solute content, the high temper-
ature b-phase can be stabilized to room temperature increasing
concentration of b-stabilizers. These transformations are briefly
discussed in the followings.

2.1. Martensitic phase transformation

In Zr base alloys martensites exhibit several morphologies
which can be broadly classified into the lath and the plate types
(Fig. 2). In case of iodide pure Zr (solute concentration typically
lower than 200 ppm) formation of massive martensite has been
noticed (Fig. 2(a) and (b)). In the lath type morphology, martensite
units are grouped together in parallel arrays within a packet and
several such packets make up the volume of the parent b-grain
(Fig. 2(c)–(f)). Two types of orientation distributions of laths in a
given packet have been reported. In one case, laths belonging to
the same orientation variant are stacked together with a small an-
gle boundary separating the adjacent laths while in the other alter-
nate laths are twin related (Fig. 2(c) and (d)). TEM investigations
have clearly revealed that a group of laths with the same orienta-
tion variant have the small angle tilt boundaries between the adja-
cent laths with misorientation between the adjacent laths of the
order of 1.0–1.5�. Contrast analysis of dislocations constituting
these lath boundaries has shown that these dislocations have
hc + ai type Burgers vectors (Fig. 2(h)) [20]. The alloys which
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Fig. 2. Various morphologies of martensite. (a) and (b) Massive martensite formed on quenching iodide pure zirconium from the b-phase field. (c) Packets of laths in a Zr–15%
Nb b-quenched alloy showing irregular lath to lath interfaces. (d) b-quenched microstructure of Zr–5.5% Nb alloy. (e) and (f) are bright and dark-field micrographs showing
alternately twin related laths in a Zr–2.5% Nb alloy. (i) and (j) Bright field TEM micrographs showing plate martensites (i) internally twined (thick twins) martensites (j)
internally twined martensite where the minor twin fraction is very thin. (k) Microstructure of the beta quenched sample of Zr–2.5% Nb alloy showing arrangement of primary
and secondary plates (l) schematic presentation of the plate arrangements shown in (i–k).
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exhibit such lath morphology are all associated with high Ms tem-
peratures (above 923 K) and the reported habit plane indices in
these lathe is close to {334} [21–24]. The packets of the twin re-
lated laths are encountered more frequently in alloy such as Zr–
2.5% Nb [20] in which the Ms temperature is brought down close
to 923 K (Fig. 2(g)).

The plate morphology is characterized by acicular plates form-
ing along different variants of the habit plane, continuously parti-
tioning b-grains (e.g., Fig. 2(k)). The first generation plates spans
across the entire grain of the parent phase. The partitioned grain
is then further partitioned by the second generation plates which
are shorter in length and the process continues till the transforma-
tion is nearly complete (Fig. 2(l)). Detailed crystallographic analy-
sis revealed that 10 �11 twinning is frequently observed within
these plates. Internally twinned martensite plates could be
grouped into two classes. The first group was characterized by an
average spacing of thick 10 �11 twins where the ratio of the thick-
nesses of the minor and the major twins was seen to be 1:4, a value
which closely matched with that predicted by the phenomenolog-
ical theory (Fig. 2(i)) [24,25]. The second group of plates was char-
acterized by the presence of very thin twins stacked within the
plates (Fig. 2(j)), where the average value of the ratio of the thick-
nesses of the minor and the major twin variants being much smal-
ler compared to that predicted from the phenomenological theory.

An analysis of habit plane variants of the two types of internally
twinned plates indicates that there exists an important difference
between them in terms of the orientations of their minor twin
components. In Bowles–Mackenzie theory [25], four nonequivalent
habit plane solutions, denoted by (a±x±), are obtained. For the gi-
ven lattice correspondence and for the lattice invariant deforma-
tion on the ð1 �101Þ plane, the orientation relations corresponding
to the (a�x+) and the (a+x+) solutions, as shown in stereogram
in Fig. 3, are generated by a rigid body rotation around the
[0001] direction in either the clockwise or the anticlockwise direc-
tion. The most important difference between these two solutions
arises from the fact that the ð1 �101Þ plane (on which the lattice
invariant shear (LIS) acts) remains nearly parallel (<2�) to the
(011) mirror plane in the case of the (a�x+) solution whereas it
gets separated from the (110) plane by an angle of about 11� for
the (a+x+) solution. In the case of a plate which belongs to the
(a�x+) solution, both the twin components follow the Burgers
orientation relation very closely and, therefore, each twin compo-
nent nearly satisfies the invariant plane strain (IPS) condition. As
Fig. 3. Stereographic projection showing the orientation relations corresponding to the t
orientations are derived from (a) the clockwise and (b) anticlockwise rotations along [1
a consequence, these two twin components can grow to a signifi-
cant extent (the thickness of the minor twin variant >100 nm),
maintaining independent habit plane segments with the parent
phase.

In the (a+x+) case, the twin plane ðl �101Þ does not remain par-
allel to the (110) mirror plane following to the rigid body rotation.
The major twin fraction in this case though satisfies the Burgers
orientation relation and the IPS condition quite closely, the minor
twin fraction does not obey the IPS condition [3]. The growth of
such a variant would cause a substantial buildup of strain, result-
ing from the deviation from the IPS condition. This would restrict
the growth of the minor twin fraction. The observed stack of very
thin twins in the martensite plates belonging to the (a+x+) solu-
tion lends support to this contention. Since the requirement of
LIS is not met in these plates in which the twin thickness ratio is
much smaller than the predicted value of 1:4, the operation of an
additional component of lattice invariant shear in the form of slip
appears essential. A periodic array of hc + ai dislocations along a
different variant of 10 �11 planes within minor twin fraction is sug-
gestive of the additional lattice invariant deformation.

2.2. Athermal b ? x transformation

With increasing concentration of the b-stabilizing elements in
Zr alloys, the b ? x transformation has been found to prevail over
the martensitic transformation. Upon quenching from the b-phase
field alloys, having composition in the range where martensite
start temperature is lower than the x-start temperature (Ms(x)),
undergo the athermal b ? x transformation (Fig. 1). The athermal
nature of the transformation has been established through ultra-
high quench rate (�11000 K/s) experiments [26]. The complete
reversibility of the transformation is another evidence for its ather-
mal nature. All these observations suggest that this transformation
can be classified as a displacive transformation.

The morphology of the athermal x-particles is generally ellip-
soidal with particles aligned along one of the h111ib directions.
Fig. 4(a) shows a dark-field micrograph taken from the 1 �100
reflection pertaining to the x structure. The typical size range of
the x-particles is 2–10 nm with a separation between the particles
being of the same order. A nearly homogeneous distribution of x
particles can be observed in the micrograph. Such a morphology
of the x-phase is different from the plate-like morphology (a char-
acteristic feature of a martensitic transformation) and, therefore,
wo solutions of Bowles and Mackenzie formulation (a �x+) and (a+x+). These two
10]b||[0001]a.



Fig. 4. Various morphologies of the x-phase. (a) Dark-field micrograph
(g ¼ 1 �100x) of a Zr-based alloy showing the arrangement of the ellipsoidal x
with major axes of the particles aligned along h111ib. (b) Dark-field micrograph
(g ¼ 1 �100x) of a Zr-based alloy showing the arrangement of the cuboidal x with
edges of cuboids aligned along h100ib.

Fig. 5. Schematic presentation of the bcc structure. The 1 �10 plane is parallel to the
plane of the paper. A combination of the shear and shuffle produces the x lattice in
the bcc lattice. Equivalence between the shear mechanism and displacive wave
mechanism is also shown in the figure.
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the athermal b ? x transformation is not categorised as a
martensitic transformation in spite of its athermal and composi-
tion – invariant character. The observed orientation relationship
between the b and the x-phases can be represented as [27]

111b==ð0001Þx; h1 �10ib==h11 �20ix

As evident from this orientation relationship four variants of the
x-phase are possible and within a given field of view all variants
have equal probability to form.

Plate like morphology, akin to the martensitic plates, of the
x-phase has also been encountered when Zr and its alloys sub-
jected to dynamic high pressure loading. The habit plane between
the x-phase and the b-phase was found lying close to {112}b

(Fig. 4(b)). As the duration of the shock loading is typically of the
order of few ls, diffusive atom movement is negligible. Hence
the shock loading experiment, in a sense, is synonymous to the
athermal treatment. The plate-shape morphology, therefore, is
representative of the shear-dominated process and therefore, the
habit planes of the x plates are predictable on the basis of
phenomenological theory of martensite crystallography. Detail
crystallographic analysis revealed that the underlying mechanism
is shear dominating in this case [18,28]. Fig. 5 shows that a macro-
scopic shear on the {112}b plane along a h111i direction, superim-
posed with atomic shuffles, can produce the x structure. The
lattice correspondence between the b and x lattices remains the
same as that encountered in the case of as quenched samples. Since
any specific {112} plane contains only one h111ib direction, a sin-
gle orientational variant of the x structure can be produced within
a single {112} plate.

In short, the deformation produced by a shock wave in the bcc
lattice develops a tendency for the shear of the {112} planes where
the formation of the x structure occurs when the shuffle process is
superimposed on the shear deformation. The axis of the shear
direction decides the choice of the variant for the h111i direction
contained in the specific {112} plane and, therefore, plate-shaped
single variants of the x-phase emerge in the shock deformed b-
phase.

3. Diffusional transformations

On aging Zr-based alloys often exhibits the formation of new
metastable/stable phases which have structural relationship with
the parent phase. The sequence of the phase transformations in
some alloys is influenced by the presence of the miscibility gap ob-
served in the b-phase and the sequence of the phase transforma-
tion can be predicted by the relative positions of the free energy
curves in the free energy versus composition (G–x) plots.

3.1. Tempering of martensite

On tempering, the martensitic a0-phase decomposes to produce
a distribution of the b-phase. The miscibility gap in the b-phase ob-
served in the Zr–Nb phase diagram plays an important role in
deciding the phase transformation sequence during the tempering
of the a + b alloys. Typical microstructures obtained upon temper-
ing are shown in Fig. 6. The most striking observations [29–31]
regarding the evolution of microstructures during tempering can
be summarized in the following:

(i) The phase, which precipitates in the temperature interval of
773–883 K, is the b1-phase (Zr rich b) and not the equilib-
rium b2-phase (Nb rich b) (Fig. 6(a)–(d)).

(ii) At temperatures below 773 K and above 883 K, precipitation
of the equilibrium phases, b2 and b1, respectively, takes place
during tempering of the Zr–2.5% Nb martensite.



Fig. 6. (a) b2 precipitation along the twin boundaries in internally twinned martensite plates in Zr–2.5 Nb upon tempering at the temperature of 773 K. (b) SAD pattern
showing superimposition of reciprocal lattice sections of two twin related a and the precipitate b1 orientations. (c) and (d) b1-phase precipitation at the tempering
temperature of 823 K, the dark-field image (d) is taken with a {110}b reflection. (e) Light and (f) TEM micrographs showing a-grain boundary allotriomorphs at coarse b-grain
boundaries and fine a plates within the b grains in the Zr–5.5% Nb martensite tempered at 823 K. The formation of the coarse b grain structure indicates reversion of
a0 martensitic into b which subsequently decomposed into a structure consisting of a plates within b grains and a-allotriomorphs at b grain boundaries. (g) Twin boundary
b1 precipitates and needle shaped b2 precipitates within martensites plates in the tempered Zr–2.5 Nb alloy. (h) TEM micrograph showing the morphological evolution of b1

precipitates at 10 �11a twin boundaries of Zr–2.5Nb martensite during tempering. The orientation of the twin boundary b1 precipitates is the same as that of the parent
b-phase. a laths are 10 �11 twin related.
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(iii) On tempering, the Zr–5.5% Nb martensite initially reverts
back to the parent b-phase via a composition-invariant pro-
cess; subsequently the reverted b-phase transforms into a
structure consisting of Widmanstatten a-plates in a b1-
matrix (Fig. 6(e)–(f)).
Free energy–composition (G�x) plots have been used to ratio-
nalize these observations [31]. The G�c plots in Fig. 7 represent
typical free energy curves for the a- and the b-phases for temper-
atures lower than Tmono. Banerjee et al. [31] have shown that rela-
tive positions of the common tangents between the a and the b1



Fig. 7. Free energy-concentration plots for the a and the b-phases in the Zr–Nb
system at 850 K showing that a metastable equilibrium (represented by the
common tangent A) can be established between the a and the b1-phase. See text for
transformation sequences for alloys having compositions c and c5.

Fig. 8. (a) Several variants of a precipitate laths in the b-matrix of the Zr–20% Nb alloy.
precipitates. (b) Interfacial (ab) dislocations, with line vectors parallel to the long directio
the long direction of this precipitate plate. (d) Stereogram showing that three variants of
in (a).
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(shown as line A in Fig. 7) and a and b2 (shown as line B in Fig. 7)
indicate the metastable and stable equilibrium between the a on
one side and the b1 and b2 on the other. The strong preference
for the formation of b1 precipitates during tempering at the tem-
perature range, 773–883 K, has been explained in terms of the
compositional barriers associated with the nucleation of the b1

and the b2 precipitates and role of the miscibility gap in providing
higher energy barrier for the b2 precipitation. For example, the
chemical free energy change, DGab(c, cn), accompanying the nucle-
ation process for b1 nuclei (with composition given by cn, shown in
Fig. 7), is negative when cn > c3. Such b-nuclei will continue to get
enriched with Nb and the free energy will follow the Gb curve. Dur-
ing the process of Nb enrichment the b-nuclei composition will at-
tain the level, c4, where the common tangent between the Ga and
Gb1 curves meets the Gb curve. A metastable equilibrium between
the matrix a and the b1-phase is established at this point. A further
Nb enrichment of the b-nuclei to approach the composition level
corresponding to the b2-phase is hindered by the presence of a
large free energy barrier in the Gb curve.

In case of supersaturated martensite with a composition c > c2

(Fig. 7), tempering at 850 K can cause a reversion from a0 to b.
The thermodynamic feasibility of a composition-invariant a0 ? b
transformation is shown for the a0 composition c5 by the vertical
drop in the free energy from P to Q. In a subsequent step the b-
phase decomposes into a mixture of a + b1-phase mixture (meta-
stable) and finally into the equilibrium a + b2 structure. The overall
transformation can then be described by the following scheme:
All variants exhibit arrays equispaced dislocations lined up along the length of the
n of the precipitates. (c) Equispaced hc + ai dislocations at a/b interfaces lying along
orientation relationship are operative for three habit variants of precipitates shown
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a0ðc5Þ ! bðc5Þ ! aþ b1 ! aþ b2

Drops in free energy for this sequence are shown by the vertical
segments, PQ, QR and RS.

With decreasing temperature, the b1 arm of the Gb curve goes
up with respect to the Ga curve and below a certain temperature
limit, (T < (Tmono � 100 K)), it is not possible to construct a common
tangent between the Ga curve and the b1 portion of the Gb curve. In
such cases direct nucleation of the b2-phase takes place during
tempering. This process involves the overcoming of a very large
free energy barrier and hence the reaction is expected to be very
sluggish as is indeed the case. Luo and Weatherly (1988) have
studied the precipitation behaviour of the Zr–2.5% Nb alloy and
have confirmed that both b1 and b2 precipitates form in this alloy
during tempering. The rationale of the formation of bcc precipi-
tates of two widely varying compositions (b1: Zr–20% Nb and b2:
Zr– 85% Nb) at temperatures close to but below the monotectoid
temperature has been corroborated by their studies. They have also
pointed out that the precipitate phase forming at 773 K is exclu-
sively b2 while both b1 and b2 precipitates form at 873 K. For the
latter treatment, homogeneously nucleated precipitates within
the martensite plates have been identified to be of the b2 type
and the twin boundary nucleated precipitates are invariably of
the b1 type. The crystallography of precipitation of b1 and b2 phases
has been studied by Banerjee et al. [31] and Luo and Weatherly
[29] which not only support these arguments but also show that
Fig. 10. Cuboidal morphology of the x related phase. (a) The cuboidal morphology in th
directions shown in inset. (b) The increase in the size of Cuboid and also the alignment
phase in several grains could be noticed.
the b1 and b2, both show relationship close the Burger relations
with the a phase. It has also been shown that the orientation rela-
tion obeyed by the needle shaped b2 precipitates is consistent with
the ILS condition and the growth direction of these needles is very
close to the ILS direction.

3.2. Precipitation of a in the b-matrix

The Zr–2.5% Nb alloy has been processed or heat treated in the
a + b-phase field in such a manner that the a-phase is precipitated
in the b-matrix. Such microstructures show precipitates of the a-
phase in the form of plates which maintain strict orientation rela-
tion and habit plane with the b-matrix. The presence of features
like orientation relationship, habit plane and sometimes surface re-
lief does not necessarily suggest that a lattice shear mechanism is
operative. It has been shown that a diffusional transformation in
which lattice site correspondence is maintained between the par-
ent and the daughter phase, also exhibits orientation relationship,
habit plane and shape deformation [32]. Laths or needles of the
product phase in a diffusional transformation grow along the
invariant line of the transformation with the orientation relation-
ship being determined by the restrictions imposed by the invariant
line criterion [33,34].

The interface structure of a-laths in the b-matrix has been stud-
ied in Zr–Nb alloys by Perovic and Weatherly [35] and by Banerjee
et al. [36]. In the Zr–2.5% Nb alloy, in which the volume fraction of
e initial stages could be noticed; also the streaking in the SAD pattern along h100i
along h100i directions could be noticed. (c) Presence of the cuboidal shape omega
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the b-phase is rather small, the a/b interfaces have been shown to
contain an array of straight and parallel 1/3 h11 �23i (or hc + ai) dis-
locations with spacing of about 6–8 nm at the interfaces (Fig. 8).
These dislocations have been found to lie along the common
(101)b||ð�1011Þa plane. In addition to these, some 1/3 h11 �20i (or
hai) dislocations have been observed to lie both parallel to and
across the hc + ai dislocations. The density of the hai dislocations
has been found to increase with increasing rotation of the a/b
interface from the flat facets where only one set of hc + ai disloca-
tions is present. Because of the irregularity of the a/b surface in the
Zr–2.5% Nb alloy an accurate determination of the habit plane has
not been possible. However, the line vectors of the hc + ai disloca-
tions have been identified to be the direction of the invariant line
strain.

In the Zr–20% Nb alloy, laths of the a-phase formed on isother-
mal treatment at 823 K with the length varying from 200 to
1000 nm. Several variants of a- laths are often encountered in a
single field of view; a typical example is depicted in Fig. 8(a).
Orientations of all the variants match the Burgers relation quite
Fig. 11. (a) Processing map for zirconium for a strain of 0.4 showing domains of dynam
contour indicates percentage efficiency. (b) The optical micrograph of a-Zr deformed at
recrystallized grains. (c) Processing map of b-quenched Zircaloy-2 for a strain of 0.4 show
Extrusion conditions superimposed on instability map of b-quenched Zircaloy-2 for a str
those carried out at 993 K are within the instability regime.
closely. The a/b interfaces of these laths have invariably been
found to contain arrays of parallel, equispaced dislocations of
hc + ai type Fig. 8(a) and (b). The spacing between adjacent disloca-
tions varies from 8 to 10 nm. The habit plane of these laths has
been found to lie between the {103}b and {113}b poles (Fig. 8(c))
and the line vectors of the hc + ai dislocations at the interface are
along the h334ib directions which match closely with the invariant
line. The observations on the morphology, orientation relation and
crystallography of a-laths forming from the b-phase in a diffu-
sional process can be summarized as follows:

(a) The orientation relation between the b and the a-crystals is
very close to the Burgers relation.

(b) The habit plane is an irrational plane. Habit plane poles of
different variants are found to lie between the {103}b and
{131}b poles. For all the variants of laths, habit planes
remain close to the a/b conjugate pair 01 �10a||{112}b along
which registry between atomic planes can be achieved by
presence of structural ledges.
ic recrystallisation (DRX) and dynamic recovery (DRV). The number against each
1073 K and 0.1 s�1 within the DRX domain to a strain of 0.7 showing dynamically
ing various domains marked as DRX, DRV and SPD (domain of super plasticity) (d)

ain of 0.4. The extrusions carried out at 1073 K are in the stable flow regime while
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(c) Interfacial dislocations with hc + ai Burgers vector remain
aligned along the invariant line and are arranged in a parallel
array with a spacing of about 8–10 nm (Fig. 8(b)).

(d) The long direction of laths matches closely the invariant line
direction h433ib.

Experimental and theoretical work on the nature of a/b inter-
faces in diffusional transformation products of many alloy systems
has proved that there exists a good coherency between the bcc ma-
trix and the hcp product across the interface [37–39]. The presence
of coherency at the transformation front is suggestive of a lattice
site correspondence which produces a shape strain in some diffu-
sional transformations. A comparison between the interfaces/
transformation fronts in martensitic transformations and these dif-
fusional transformation shows:

(i) Both the types are shown to be irrational and usually par-
tially coherent. Fully coherent irrational interfaces are rare,
but they are found in some martensitic transformations,
e.g., Ti–22 at.% Ta [40].

(ii) Partially coherent interfaces of martensite plates are usually
irrational because of the invariant plane strain requirement
and the fact that the lattice invariant shear is a simple shear.
In contrast, partially coherent irrational interfaces in diffu-
sional transformations are essentially epitaxial, and are
made up of terraces of rational interfaces, separated by steps
or ledges.

(iii) Interfaces of martensite plates should be necessarily glissile
and should conserve the number of atoms during propaga-
tion. A new layer of the product phase forms by the migra-
tion of a growth ledge in diffusional transformation does
not conserve the number of atoms. In general, diffusional
transformations involve non-conservative movements of
dislocations at the transformation fronts.
Fig. 12. SEM and TEM micrographs of two phase (a + b) microstructure of hot extrud
morphology in the transverse section (SEM), (c) and (d) dynamically recrystallized equia
(TEM).
Many of the experimental findings on diffusional growth can be
explained using Fig. 9 which shows the growth the a phase using
ledge mechanism Growth ledges have been observed to contain
misfit dislocations on the broad as well as on the side facet of
the lath. Such dislocations have sessile orientation and, therefore,
it must climb for the motion of the growth ledge riser. Since diffu-
sion and partitioning of alloying elements accompany such a
growth process, non-conservative motion of dislocations at the
transformation front is facilitated. The broad face of the lath is
formed by the coalescence of growth ledges on this surface. This ri-
ser plane of growth ledges on the side facet contains the structural
ledges and is thus semicoherent. The migration of the growth
ledges should occur by the kink on ledge mechanism in which dif-
fusing atoms get attached to the kink plane. Since these ledges do
not coalesce to the extent necessary for forming a complete layer
on the side facet, the broad face remains as a stepped interface
with steps along the lattice invariant line. These steps are nothing
but the misfit compensating c-type ledges. The ledge growth
mechanism in a diffusional transformation requires (a) atomic dif-
fusion to effect the partitioning of the alloying elements, (b) some
mechanism by which new ledges are formed on the newly created
layer, and (c) maintenance of the semicoherent interfacial struc-
ture. In a steady state, these processes must all conform to the
overall rate that is determined by the process which consumes
the major part of the driving force.

3.3. Isothermal b ? x transformation

Precipitation of the x-phase occurs in a b-phase matrix of rela-
tively concentrated alloys upon ageing at temperatures below
about 773 K, which is the upper cut-off temperature for the x-
phase formation by aging in most of the b solid solutions
(Fig. 10). The progressive increase in volume fraction and the
growth of x-particles with an increase in the isothermal holding
ed tube (a) elongated morphology in the longitudinal section (SEM), (b) seriated
xed a-grains within a-stringers in longitudinal and transverse sections, respectively



Fig. 13. The conventional and modified fabrication flow sheets of Zr–2.5 Nb alloy
Pressure tube.
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time is indicative of a thermally activated transformation mecha-
nism. Time–temperature–transformation (T–T–T) plots pertaining
to isothermal x precipitation have been experimentally generated
in several alloys [41]. Both, cuboidal and ellipsoidal x precipitates
result in an isothermal ageing treatment. Fig. 10 shows the typical
cuboidal morphology of the aged x where edges of regularly ar-
ranged cuboids are aligned along h100ib. Usually the sizes of the
x precipitates forming by isothermal treatments are in the range
of 10–20 nm.

In view of the fact that the b-phase in most of the x-forming al-
loys exhibits a tendency for phase separation, spinodal decomposi-
tion often precedes the b ? x-phase transformation during
isothermal heat treatments. Spinodal decomposition partitions
the b-phase into solute-rich and solute-lean regions and composi-
tion modulation occurs only in elastically soft h100i directions.
The morphology of the x-phase, therefore, is controlled by the
h100i concentration modulation and in the same configuration
the x particles decorate the structure the bcc matrix [42]. Under
special circumstances where strain associates with the transforma-
tion, x particles assume ellipsoidal morphology and particles re-
main small in size due to the transformation strain.

3.4. Microstructural evolution during thermo-mechanical treatments

Zr alloys are mainly hot worked in the (a + b) phase field
[43,44]. A difference in crystal structure, coupled with a very high
diffusivity in the b-phase (2–3 orders of magnitude higher than
that in the a-phase), promotes the processes of recovery, recrystal-
lization and diffusional transformation at lower temperatures and
higher strain rates in the b-phase as compared to the a-phase. Con-
sequently, the constitutive deformation behaviours of these phases
under hot working conditions are different and this dictates the
evolution of microstructure in the product.

In addition to dynamic recovery (DRV) and dynamic recrystalli-
zation (DRX), superplastic deformation has also been reported in Zr
alloys by McQueen and Bourell [43]. Structural changes can also
occur during the intervals of hot working in the absence of stress
(static) as well as during cooling after hot working [43]. Zr alloy
systems are also known to exhibit strain localization leading to
non-uniform microstructures during deformation processing.

Jonas and co-workers [45,46] studied the high temperature
deformation behaviour of a-Zr and a-Zr–Sn alloys in compression
and concluded that dynamic recovery has occurred in the temper-
ature range, 898 to 1098 K and the strain rate range, 10�4 to
3 � 10�3 s�1. Although the deformation was carried out at or above
the recrystallization temperature (static), no recrystallized grain
has been observed in the deformed material. On the other hand,
Ostberg and Attermo [13] carried out forging of Zircaloy-2 (a near
a alloy) at 1073 K and at a strain rate of 0.4 s�1, and observed that
the original Widmanstatten a plates were broken up into new
grains which were equiaxed. They concluded that DRX was in-
volved in the modification of the microstructure. Garde et al. [12]
studied hot tensile deformation behaviour of Zircaloy-2 in the
two phase (a + b) field at various strain rates. The microstructure
evolved during deformation at temperatures around 1123 K and
lower strain rates (<10�3 s�1) was characterized by equiaxed a-
grains separated by b-phase. The phenomenon of grain boundary
sliding has been found to be responsible for the occurrence of equi-
axed grain structure.

Chakravartty et al. [15,47–50] studied the hot deformation char-
acteristics of commercial pure Zr (�1000 ppm O) with a b quenched
starting microstructure in both a and b-phase fields using process-
ing maps generated by carrying out compression testing in the
strain rate range of 10�3 to 102 s�1 and over the temperature range
of 923–1323 K. The processing map revealed (Fig. 11(a)) two safe
domains and a regime of instability rate [47–50]:
(i) a domain of dynamic recrystallization (DRX) in the temper-
ature range of 1003–1123 K and strain rate range of 10�2

and 0.1 s�1,
(ii) a domain of dynamic recovery at temperatures lower than

973 K and strain rates lower than 10�2 s�1 and
(iii) a regime of flow instability at strain rates higher than 1 s�1

and temperatures above 943 K. The manifestation of insta-
bility was in the form of localized shear band (Fig. 11(b)).
It is to be noted that the regime of instability should be
avoided during hot working.

Processing maps of the commercial Zircaloy-2 were also devel-
oped. Comparison of the processing maps of Zircaloy-2 and com-
mercially pure Zr in b-quenched condition reveals that the maps
are very similar. The DRX domains of both the maps extend over
similar strain rate and temperature ranges, although the peak effi-
ciency (38%) for DRX for Zircaloy is slightly lower than that of
Zr(42%). In order to validate the processing maps of Zircaloy-2,
extrusion trials have been carried out on full size billets and ingots
used for making various Zircaloy-2 products for nuclear reactor
use. Two different temperatures (993 and 1073 K) and various
extrusion ratios and ram speeds were chosen [47]. The experimen-
tal extrusion conditions were located on both the processing map
(Fig. 11(c)) and instability map (Fig. 11(d)). Most of the extrusions
carried out at 1073 K are within the DRX domain and the extru-
sions carried out at 1003 K fall in the instability regime. The extru-
sion carried out at 1003 K showed dynamically recrystallized
grains while the microstructure of extruded material depicted
signs of flow localization [15,47–50].

The fabrication schedule of Zr–2.5% Nb pressure tubes involves
hot working of the ingot in the (a + b) phase field either by forging
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or by extrusion followed by cold-working steps. The volume frac-
tions of the two phases, and consequently their compositions,
the aspect ratios of the a and b-grains and the crystallographic tex-
ture of the product are essentially determined by the process
parameters of the last hot extrusion step. Fig. 12 shows some typ-
ical microstructures of the hot extruded tube in both transverse
(Fig. 12(a)) and longitudinal (Fig. 12(b)) directions as revealed by
scanning as well as by transmission electron microscopy. SEM pho-
tographs show that the two phase (a + b) structure is elongated in
the direction of extrusion. The b-phase (bright constituent) string-
ers are discontinuous and separate the elongated a-phase units.
TEM micrographs of both longitudinal and transverse directions
reveal that the elongated a-units are essentially made of cluster
of nearly equiaxed fine a-grains separated by thin b-phase film
(Fig. 12(c) and (d)). This observation suggested the operation of
DRX in Zr–2.5% Nb alloy during hot extrusion. In addition to high
angle boundaries in the structure, some of the equiaxed grains
have also been found to contain sub-boundaries. The combination
Fig. 14. Transmission electron micrograph of Zr–2.5 Nb alloy (a) as extruded microstruc
First pilgered microstructure illustrating the very high dislocation density. The dislocatio
the a-stringers as evidenced by the presence of a substantial number of dislocations afte
and agglomeration of b-phase. The b-phase is located at the triple junctions of a-grains a
after annealing at 823 K for 3 h. The lamellar morphology of the two phases is not alter
of high strength with a good ductility and toughness of Zr–2.5% Nb
pressure tubes is essentially derived from the fine (a + b) fibrous
microstructure consisting of elongated a-grains containing about
0.5% Nb and the b-phase (15–20% Nb) stringers primarily located
at a-grain boundaries. Such a structure cannot remain stable if it
is subjected to a cold-working–full annealing cycle which tends
to coarsen the structure into a distribution of equiaxed a and b
grains, resulting in a substantial drop in the ultimate tensile
strength.

In recent years, there have been sustained efforts toward
improving the resistance to irradiation induced growth (one of
the life limiting factors of pressure tubes) through the modification
of microstructure of the pressure tube material. In order to im-
prove the properties of the product and produce material which
can qualify in terms of microstructure, dislocation density, crystal-
lographic texture and short time mechanical properties as specified
for the conventionally processed material, two step cold-working
by drawing or pilgering with an optimized intermediate annealing
ture showing elongated morphology of a-phase separated by b-phase stringers. (b)
ns are concentrated primarily at the a/b interface. (c) Incomplete recrystallization of
r annealing at 773 K for 6 h, (d) coarsening of the a-grains caused by redistribution
fter annealing at 873 K for 1 h and (e) completely recrystallized a-lamellae obtained
ed by this annealing treatment.
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treatment has been introduced (Fig. 13). Srivastava et al. [3] stud-
ied the evolution of microstructure and of tensile properties during
each fabrication step of the modified route and compared it with
that of the conventional route. The development of microstructure
in both the routes was identical during extrusion except the aspect
ratio of both a and b grains were lower presumably because of
lower extrusion ratio employed and the volume fraction of b1

was higher owing to faster cooling rate subsequent to extrusion.
A typical microstructure in radial–axial section is shown in
Fig. 14 which shows elongated a-grains separated by b-phase.

Subsequent to hot working, in the conventional route 20–25%
cold work is given to produce a dislocation density of the order
of 1014/m2 which results in optimum combination of tensile
strength and in-reactor creep behaviour (microstructure shown
in Fig. 14(b)). The intermediate annealing treatment prior to sec-
ond pilgering in the modified route has annihilated all the cold
work introduced in the first pilgering step so as to get a microstruc-
ture and flow properties similar to that obtained after extrusion
[3]. Retention of this structure is necessary for obtaining optimum
tensile properties at service temperature of 583 K. In their investi-
gation Srivastava et al. [3] have shown annealing treatment at
823 K for 6 h causing nearly complete recrystallization of both
the phases without altering the elongated morphology of the
a + b1 microstructure (Fig. 14(e)) would be optimum for achieving
the desired results.
4. Hybrid phase transformations

4.1. Hydride formation

The formation of interstitial compounds, like zirconium hy-
dride, in the matrix can be treated as a process of interstitial order-
ing where interstitial solutes, which remain distributed randomly
Fig. 15. Micrographs showing c-hydride in (a) a and (b) b-phase.
in the interstitial sites, assume an ordered array with a lowering
of the temperature of the system.

The metastable c hydride phase, which has an fct structure (c/
a > 1.0) and can coexist with the a as well as with d hydride phases,
can form at temperatures where any significant self-diffusion of Zr
atoms does not occur but interstitial diffusion of H atoms within
the time scale of transformation is still possible (cooling rate -
104 K/s). Sidhu et al. [51] have shown that the a ? c transforma-
tion involves a shear mechanism. The overall a ? c transformation
process can, therefore, be viewed as a shear transformation of the
hcp lattice of Zr atoms with an accompanying H redistribution and
interstitial ordering.

The c hydride phase can also form in the matrix of b stabilized
alloys [52–54]. In a + b alloys, H is partitioned between the two
phases. Since the solubility of H in the b-phase is much more than
that in the a phase, precipitation of hydrides in a + b alloys is
encountered more frequently in the a phase and along a/b bound-
aries than in the b-phase. The c-hydride phase precipitates form in
both the a and the b alloys at high quenching rates.

The characteristic features of c hydride precipitation, namely,
(i) surface relief on polished surfaces, (ii) strict orientation relation-
ship and habit plane, (iii) operation of the invariant plane strain
condition, (iv) periodic internal twinning and (v) rapid transforma-
tion kinetics, suggest that the transformation involves a lattice
shear. Some of these features (Fig. 15) of c hydride precipitates
in the a matrix are shown in Fig. 15. Considering these character-
istic features, the c-hydride precipitation can be grouped in the
class of Bainitic transformation.

Based on the observed orientation relations between the c
hydride and the a and the b-phase matrix, Dey et al. [52,53] have
proposed the following lattice correspondence (as shown in
Fig. 16)

½1 �10�bjj½0001�ajj½111�c; ½00 �1�bjj½11 �20�ajj½10 �1�c;

½110�bjj½1 �100�ajj½1 �21�a
Fig. 16. Lattice correspondences between a, b and c-hydrides.
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While studying the precipitation of c hydride from the a phase,
Weatherly [55] has noted c hydride precipitates of two distinct
classes:

(a) Type I c hydride precipitates with 10 �17a habit plane and
the orientation relationship:
Fig. 17.
(b) Stra
betwee
ð111Þcjjð0001Þa; ½1 �10�cjj½�12 �10�a:
(b) Type II c hydride precipitates with 10 �10a habit plane and
the orientation relationship:
ð001Þcjjð0001Þa; ½1 �10�cjj½1 �210�a:
The lattice correspondences for both type I and type II c plates
could be regarded as crystallographically equivalent if one consid-
ers the a to c transition to have two components: the first being
the a to b transition in accordance with the Burgers correspon-
dence and the second being responsible for converting the b struc-
ture to the c hydride structure.

In view of the close lattice correspondence of the a, the b and
the c-structures, the fact that hydrogen is a strong b stabilizer
and the crystallographic observations reported by Dey and
Banerjee [53] and Srivastava [20,56], it is attractive to envisage
that the c-hydride formation in the a-phase occur through an
intermediate b step. It is possible that as hydrogen segregation oc-
curs in certain localized regions within the a phase, these micro-
Microstructure of active eutectoid product in Zr–1.6 wt% Cu (a) period and strai
ight lamellae degenerating into wavy lamellae. (c) Dark (b0 reflection) field ima
n a and b0 phase and (e) key to the pattern.
scopic regions first transform into the b structure which finally
goes over to the c-hydride structure to accommodate the large
concentration of hydrogen atoms. Since direct experimental evi-
dences in support of this step wise transformation, a ? b ? c,
have not been obtained, the size of the embryonic b-phase appear-
ing in the path of the a ? c transformation can not be ascertained.

4.2. Active eutectoid decomposition in Zr-based alloys

Active eutectoid systems [57] are those in which the b-phase
decomposes into the product phases so fast that it cannot be
suppressed even by a rapid quenching. This decomposition is
observed in alloys of near-eutectoid compositions. The state of
aggregation of the decomposition products in such alloys is
lamellar, so that a fine, pearlite like microstructure is obtained
on rapid cooling. Systematic study on alloy systems exhibiting ac-
tive eutectoid decompositions have revealed [7] that active eutec-
toid decomposition occurs in those where (i) the eutectoid
temperature is high, (ii) the eutectoid composition is solute-lean
and (iii) the intermetallic phase resulting from the reaction is rich
in the base metal. The microstructural observations made on a b-
quenched, near-eutectoid (Zr–1.6 wt% Cu; b ? a + Zr2Cu) alloy,
which represent a typical case of active eutectoid, could be sum-
marized as follows:

(i) The quenched material consists of several colonies with
lamellar structure, consecutive lamellae of the a-phase
ght lamellae of a + b0 structure resembling internally twinned martensite structure.
ge of a + b0 structure. (d) Composite SAD pattern showing orientation relationship
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being separated by ribbon like features. In a given cell, the a-
lamellae have a single crystallographic orientation and so
have the ribbons.

(ii) There are broadly two types of morphologies observed; one
with straight lamellar and other with wavy and broken lam-
ellas (Fig. 17(a)–(c)). In the transition region, a one to one
correspondence between the straight and the wavy seg-
ments exists.
Fig. 18. (a) Schematic presentation of the lattice correspondences between the parent b-p
eutectoid product in Zr–3 wt% Fe.

Fig. 19. As-rapidly-solidified microstructures of Zr–Al based alloys where cuboids of the
direction of spinodal decomposition.
(iii) The average colony size and the average interlamellar spac-
ing are about 2.0 and 0.1 lm, respectively.

Based on evidences provided by selected area diffraction and
also by elemental analysis of the phases it was inferred that the
ribbons comprised of a phase similar but not identical to Zr2Cu
(Fig. 17(d)–(e)). The matching was better in regions with wavy rib-
bons than in regions with straight ribbons. Assuming the phase
hase and the product a and Zr2Cu based phase. (b) and (c) Microstructures of active

ordered x-phases could be seen aligned along the h100i direction which is also the
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constituting the ribbons to be the Zr2Cu phase, the following orien-
tation relationship between the two phases could be expressed as:

ð0001Þa==ð013ÞZr2Cu; ½�1100�a==½0 �31�Zr2Cu

This orientation relationship (Fig. 17 (d)) is consistent with that ob-
served between the a – and the Ti2Cu phases in the Ti–Cu system
[58] which also exhibit active eutectoid decomposition.

In the case of Zr–Cu alloys it was possible to show that the
Zr2Cu phase can be derived by stacking three bcc cells and by intro-
ducing ordering in it [7]. Using such relationships and the observed
orientation relationship between the a and the Zr2Cu phases, the
a b c dc
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Fig. 20. The lattice correspondence between ordered derivatives of bcc (B2) and the
ordered omega structures. Different atomic sites and arrangements of the (222)bcc

planes is shown. Gradual and complete collapse of the two pairs of the (222) planes
and chemical ordering leading to changes in structural symmetry are shown.
Symmetry analysis is shown in Fig. 23.

Fig. 21. Lattice correspondence between the ordered bcc (B2) and the D88 structures. Th
the intermediate positions (designated as 1, 2 or 4, 5) would produce the D88 structure. (a
unit cell.
orientation relation between the parent b-and the a-phases has
been found to match with the Burgers relation. Using SAD pattern
analysis it is also possible to show that the metastable phase con-
stituting the ribbons has attained a certain extent of long range or-
der and this has resulted in an approximately three fold increase in
the dimension of the bcc unit cell in the [001] direction. Based on
these observations it has been suggested that during b-quenching,
the b-phase decomposes into a mixture of the a-phase and a par-
tially ordered phase. Regions containing straight and wavy lamel-
lae in the same colony possibly correspond to different levels of
Cu enrichment, and therefore, to different degrees of long range or-
der in the ordered b-phase. The crystallographic description of the
lamellar product structure with respect to the parent b-structure is
illustrated schematically in Fig. 18. As suggested in figure presence
of a lattice correspondence between the two product phases
decomposing from the b-phase essentially require cooperative
atom movements and presence of partial order within the second
phase necessitates diffusion of copper atoms.

As Burger relationship was maintained between b and the a
phases, the interfaces between these phases would be expected
to be coherent and glissile. The boundaries separating the b-phase
and the second phase lamellae would also be expected to be glis-
sile in view of the one to one lattice correspondence exists between
the two. However, redistribution of copper atoms ahead of advanc-
ing front is a prerequisite step which would cause 15% contraction
in the bcc unit cell and also introduce long range ordering. In view
of the fact that solubility of Cu in a-Zr is much smaller than that in
b-Zr and anomalous diffusion possible in b-Zr, continuous flow of
Cu atoms ahead of the advancing transformation front is possible.
A simplified analysis has been carried out with a view to compare
the observed reaction rates with those estimated. It has been found
that the observed and the estimated growth rates are more or less
of the same order at temperatures not far below the eutectoid tem-
e collapse of {222} planes of the bcc structure (designated as 1 and 2 or 4 and 5) at
) The atomic arrangement in the B2 unit cell. (b) The atomic arrangement in the D88
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perature. This analysis emphasizes the fact that solute partitioning
between the two product phases would be quite significant in spite
of the extremely fast reaction rates. This is possible due to rapid
anomalous diffusion in the b-phase and the exceedingly small
interlamellar spacing in the decomposition product.

In the case of Zr3Fe, however, such a simple structural relation-
ship is not apparent. Nevertheless, from considerations of reaction
kinetics and post-reaction microstructure, the decomposition pro-
cess does appear to be very similar in this case too.

In short, in active eutectoid decomposition, role of underlying
lattice correspondence plays an important role. This helps in the
formation of the glissile interfaces and also in maintaining lattice
registry during phase transformation.

4.3. Formation of ordered derivatives of the x-phase

The formation of ordered omega structures can be viewed as a
superimposition of composition and displacement modulations.
The transformation from b to the ordered omega structures has
been encountered in Zr–Al based systems. Banerjee et al. [59] have
reported the occurrence of the b ? B82 in the rapidly solidified Zr–
27 at.% Al alloy which underwent prior spinodal decomposition.
Fig. 19 shows the as-rapidly-solidified microstructures of Zr–Al
based alloys where cuboids of the ordered x-phases are seen
aligned along the h100i direction. Spinodal decomposition in these
alloy resulted in the formation of Al rich nodes at the junction of
the h100i modulations, which subsequently transformed into a
single Zr2Al particle suggesting a homogeneous transformation
where formation of the particle has not experienced any nucleation
barrier. The matching of the size of the particle with the spinodal
wave length, which is 20 nm, could be taken as evidence for the
above argument.

The ordered x-phase transformation in this case appears to in-
volve the following steps in the overall transformation:

(i) Congruent solidification of the liquid phase into the super-
saturated b-phase.

(ii) Development of the concentration fluctuation in the super-
saturated b-phase.
[121]β //[1210]D

[011[101]β// [2110]B

Fig. 22. Schematic of the atomic arrangement on the basal planes of the B82 and the D88

sites indicated by vacancies.
(iii) Formation of the ordered x-phases in the solute-rich
regions.

(iv) Transformation of the metastable phases into the relatively
stable phases.

It has been shown that the b ? B82 structural transition would
require a combination of the collapse of the layers (1, 2; 4, 5; etc.)
and a chemical ordering (Fig. 20). The fact that such a lattice corre-
spondence indeed exists in several real systems has been demon-
strated [41,59,60]. Based on this correspondence the lattice
parameters, a and c, of the B82 phase can be expressed in terms
of the lattice parameter, ab

aB ¼
ffiffiffi

2
p

ab; cB ¼ 6 d222 ¼
ffiffiffi

3
p

ab

where B stands for the B82 structure. Substituting the extrapolated
values of ab for Zr–33 at.% Al the lattice parameters of Zr2Al work
out to be the following:

For Zr2Al : a ¼ 0:4852 nm c ¼ 0:5942 nm

Tewari et al. [61] have observed the presence of yet another ordered
x structure which has the D88 structure (prototype Mn5Si3). This
structure with a hexagonal unit cell possesses 18 Wyckoff positions.
The stacking sequence and the lattice correspondence in the D88

structure are compared with those in the B2 structure in Fig. 21.
This Figure also depicts the lattice correspondence between these
two structures. Based on this correspondence the lattice parameters
of the D88 phase are related to that of the ordered b-phase (B2
structure) as

aD88 ¼
ffiffiffi

6
p

ab and cD88 ¼ 6d222;b ¼
ffiffiffi

3
p

ab

In the case of Zr5Al3, the substitution of the corresponding ab

(=0.3455 nm) value yields the a and c parameters of the D88 phase
as 0.8464 nm and 0.5984 nm, respectively, which are fairly close to
the experimentally obtained lattice parameters (a = 0.845 nm and
c = 0.5902 nm) of the equilibrium Zr5Al3 phase. Fig. 21 shows that
the D88 structure also can be generated from the B2 structure by
a combination of lattice collapse and chemical ordering. The pairs
of {222} planes which collapse in the B82 and in the D88 structure
are essentially the same. In case of the D88 structure an ordered
array of vacancies is necessary in those B2 planes which remain
[211]β //[2110]D

D88

]β//[1210]B

C0 1

B82

structures. As may be noticed the two structures differ due to the occupancy of the
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Fig. 23. Symmetry tree representation of phase transformations of b ? x related phase. The bold lines represent the sequence of phase transformations observed in the
present study whereas the other sequences of phase transformations are reported in the literature.
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undisplaced during the collapse. This is essential for meeting the
stoichiometric requirement. The difference between the B82 and
the D88 structures lies in whether the 2(b) positions are occupied
by Zr atoms or (are) vacant (Fig. 22). The fact that 2 vacancies for
18 atom positions per unit cell are required for the formation of
the D88 structure necessitates the retention of a high concentration
of vacancies in the parent B2 structure and an ordered arrangement
of these vacancies. If the 2(b) positions are occupied with Al atoms,
a stoichiometry of Zr5Al4, having a Ga4Ti5 structure, is attained.

Bendersky et al. [60] have constructed the symmetry tree show-
ing symmetry changes that occur during partial and complete lat-
tice collapse associated with the b ? x displacement ordering and
accompanying chemical ordering by coupled displacive–replacive
ordering processes (Fig. 23).

5. Concluding remarks

Pure Zr and its alloys show variety of phase transformation –
both diffusionless as well as diffusional. In many of these transfor-
mations the role of the Burgers lattice correspondences between
the parent b and the product a phases is important. Interfaces be-
tween the product phases as well as between the parent and the
product phase provide clues for the mechanisms of the phase
transformation. In case of martensitic transformation, using phe-
nomenological theory of martensite it was possible to predict the
habit plane, morphology and nature of the defects presents in
the product phase. In a similar way in diffusional transformations
role of the invariant line strain in predicting the direction of the ra-
pid growth is vital.

In many transformations, underlying lattice correspondence
between the product and parent phase determines the kinetics,
morphology and orientation relationship between the phases
during phase transformation in many Zr base alloys, in particularly,
in alloy systems where one of the precipitating phase is an inter-
metallic system.

Understanding these phase transformation has helped in
understanding the evolution of the microstructures under different
conditions which, in turn, helped in optimizing the fabrication
routes as well as in understanding the performance of zirconium
in presence of impurities like hydrogen.
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In short, studies on the evolution of microstructures in zirco-
nium based alloys have fundamental importance as well as practi-
cal implications. A detail description of these transformations can
be obtained in a recent publication [62].
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